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The physics and chemistry of the sintering of 
silicon 
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Silicon is a model material for studying the sintering of covalently bonded non-oxide ceramics. 
The sintering of silicon has direct applications as well to polycrystalline photovoltaics and the 
reaction sintering of silicon nitride. Surface diffusion is found to be the dominant mass trans- 
port path for pure silicon of all particle sizes of interest. Both boron and oxygen are surface- 
active and effective in inhibiting surface transport, thereby allowing shrinkage to occur by 
either grain-boundary or lattice diffusion. 

1. I n t r o d u c t i o n  
The sintering of silicon is of interest because silicon is 
a model material for other covalently bonded non- 
oxide ceramics. The near-net shape-forming capa- 
bility associated with pressureless sintered silicon is 
also applicable to non-planar silicon devices where the 
polycrystalline shaped body can be converted to an 
oriented single crystal using a modified Bridgeman 
crystal growth technique. 

Our understanding of silicon sinterability begins in 
1975 with the first studies of Greskovich and Ros- 
olowski [1, 2]. They studied the sinterability of two 
types of silicon powder. Powder I was prepared by 
crushing high-purity single-crystal silicon followed by 
jet-milling to produce powders of 1.35 and 0.23#m 
average particle sizes. Powder II was prepared by 
thermal decomposition of silane at 600 to 700 ~ 
followed by an isothermal grain-growth anneal at 
700 ~ C. Powders of 0.06 and 0.18 #m average particle 
size were prepared by this method. 

Compacts of silicon which did not densify at 
1350~ C showed a weight loss of 3 to 5%, leading the 
investigators to conclude that coarsening occurs by a 
vapour-phase mechanism. Also, from Herring's scaling 
laws, the time to gain a relative neck size (X/A)  should 
vary inversely as the 4th, 4th, 3rd and 2nd power of 
the particle size for matter transport by grain-boun- 
dary diffusion, surface diffusion, lattice diffusion and 
evaporation-condensation, respectively. If, for intrin- 
sic silicon, coarsening were by surface diffusion then 
reducing the particle size would have no effect for a 
competing grain-boundary diffusion mechanism and 
would increase coarsening if shrinkage were by lattice 
diffusion. For compacts of 1.9, 11, 14.6 and 44m 2 g J 
surface area, shrinkages (1 h, 1350 ~ C, argon) were 1, 
2.5, 8 and 23 %, respectively, which suggests shrinkage 
is controlled by either lattice or grain-boundary dif- 
fusion and the competing coarsening mechanism is 
evaporation-condensation. 

Greskovich [3] found that small amounts of boron 
enhanced the sinterability of silicon while small 
amounts of tin promoted coarsening. To be consistent 
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with previous conclusions [1, 2] that vapour-phase 
transport was the predominant coarsening path for 
pure silicon, he concluded that boron increases and tin 
decreases the grain-boundary diffusion coefficient of 
silicon. 

Haggerty and co-workers [4] have prepared high- 
purity, ultrafine (> 60m2g ~) silicon powders by 
laser-induced decomposition of silane. Sintering 
behaviour of these powders varied from batch to 
batch, some giving near full density, others only a few 
per cent shrinkage when sintered under the same con- 
ditions as used by Greskovich and Rosolowski. The 
use of argon-atmosphere glove boxes to eliminate air 
contact with the powder is one major difference 
between the work of Haggerty and the prior study of 
Greskovich [1, 2]. 

The conclusion of Greskovich and co-workers that 
vapour-phase transport dominated the coarsening of 
pure silicon came into question in 1981 with the sur- 
face diffusivity measurements of Robertson [5] and 
Coblenz [6]. These studies taken together showed that 
surface transport should dominate vapour-phase 
transport for pure silicon of all particle sizes studied. 

Subsequent studies by Shaw and Heuer [7] and 
M611er and Welsch [8] recognized the contradiction 
between the vapour-phase coarsening assumption of 
Greskovich and co-workers [1-3] and the surface dif- 
fusivity measurements [5, 6] which followed. Shaw 
and Heuer suggested that vapour-phase coarsening 
dominated by SiO could account for the coarsening 
and weight losses and be consistent with the Herring's 
scaling laws results of Greskovich et al. [1, 2]. M611er 
and Welsch studied the sinterability of an ultrafine 
silane-derived silicon powder in a vacuum. They noted 
that green densities of greater than 42% of theoretical 
were required for densification. The surface regions of 
pellets which densified contained large pores and 
coarse grains (~  1 #m) while the interior was generally 
fine-grained (0.05 to 0.3 #m) with fine porosity. 

Munir [9] has derived analytical expressions for the 
role of oxide layers in the sintering of metals. Although 
Munir does not specifically discuss the sintering of 
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silicon, silicon clearly falls into the category of a metal 
with a stable oxide and a low cation diffusivity in the 
oxide where an incubation period is associated with 
break-up of the oxide film at high temperature. This 
view is supported by the experience gained from the 
nitriding of silicon powder compacts [10]. 

Silica surface layers on silicon may be unstable in a 
high vacuum or reducing atmospheres due to the high 
vapour pressure of SiO. Hydrogen enhances the nitri- 
dation of silicon powders by reducing the surface 
oxide layer. Iron enhances the nitridability of silicon 
powders because it promotes the "devitrification and 
disruption of the protective silica film allowing the 
SiO(g) generated at the Si/SiO2 interface to escape..." 
according to Boyer and Moulson [10]. They also state 
that "sintering of the silicon, which was found to be a 
feature of iron-free compacts was totally suppressed 
by the presence of even 55ppmFe" and that "Fe 
suppresses the sintering of silicon particles during 
argon-sintering or nitridation of the silicon powder 
compact". These authors use the term sintering to 
mean neck growth between particles, and no indi- 
cation of whether or not shrinkage occurred was 
given. 

The intention of this paper is to address the roles of 
oxygen and boron in the sintering of silicon. Experi- 
ments have been performed to determine the effect of 
these elements on surface transport and evaporation, 
with Auger spectroscopy used to document surface 
chemistry. 

2. Experimental procedure 
2.1. Materials 
Model sintering experiments were performed using 
polycrystalline spheres (Texas Instruments Co.) of 150 
to 250#m diameter. The grain size of the spheres 
varied between 40 and 100#m as measured on pol- 
ished and etched sections. The spheres were macro- 
scopically smooth with small pits observed at high 
magnification in the SEM. Prior to use, the spheres 
were washed in concentrated hydrofluoric acid fol- 
lowed by distilled water and electronic-grade acetone. 
Plates of silicon for use in sphere-plate sintering 
experiments, evaporation rate measurements, or 
grain-boundary grooving experiments, were either cut 
from: silicon [1 1 1] single crystals; polycrystalline sili- 
con doped with 0.2 wt % boron (prepared by vacuum 
arc melting); or high-purity CVD polycrystalline 
boule. 

2.2. Auger s p e c t r o s c o p y  
A scanning Auger microprobe (Model 590-A, Physi- 
cal Electronics Industries, Inc., Eden Prairie, MN) 
equipped with an argon sputtering gun for depth pro- 
filing and a spatial resolution of approximately 0.5 #m 
was used to document the surface chemistry. 

Semi-quantitative analysis of the Auger spectra was 
performed using the procedures and elemental sensi- 
tivity factors from the Physical Electronics Handbook 
[11]. The high-energy silicon peak was used in these 
calculations because of its lower sensitivity to con- 
tamination layers. The peak-to-peak heights were 
divided by the elemental sensitivity factors to obtain 

the relative atomic abundance and normalized by the 
sum of the relative atomic abundances to arrive at the 
relative atom fractions. This procedure is most inac- 
curate for film thicknesses that are small relative to the 
electron escape depth. 

2.3. Evaporation rate measurements 
Evaporation rate measurements were made using both 
weight-loss and step-height techniques. Weight-loss 
measurements were made in a vacuum furnace (Model 
1968, Richard D. Brew & Co. Inc., Concord, NH) 
equipped with a water-baffled oil diffusion pump, tan- 
talum heating elements and molybdenum heat shields. 
Operating pressures of between 10 5 and 10 6 tort, 
measured in the chamber, were obtained at operating 
temperatures of up to 1350 ~ C. 

Samples were heat-treated in a molybdenum cruc- 
ible. Crucibles were cleaned before use with acetone 
and heat-treated at ~ 2300 ~ C in a vacuum before first 
use. A two-colour pyrometer with a close-up lens 
attachment was used for temperature measurement. 
Measurements were made by focusing into a l/4in. 
(6mm) diameter black-body hole drilled into the 
molybdenum crucible. 

Evaporation rates were calculated by dividing 
weight lost by the time at temperature and the exposed 
surface area. The exposed surface area was taken to be 
the sum of the top and side areas. The top area was 
determined from the sample thickness and mass, since 
the samples were irregularly shaped flat thin plates. 
The side area was determined from the thickness and 
perimeter. The error in measurement of the perimeter 
of the samples may have been as large as + 10%, 
leading to errors in the calculated evaporation rate of 
_+ 5% since the side area amounted to half the total 
area for the small samples. The evaporation coefficient 
was determined from the ratio of the measured eva- 
poration rate and the Knudsen evaporation rate cal- 
culated from JANAF table data [12]. 

Langnmir evaporation rates were also measured by 
the step height technique. The evaporation rate is 
calculated from the step on the sample created by 
masking part of the sample to prevent evaporation 
and thereby preserving a reference plane as the sample 
is heat-treated. Step heights were measured with a 
micro-Michelson interferometer (Carl Zeiss interfer- 
ence microscope). 

The relative height differences between two fringes 
is 2/2 = 0.2675#m for the thallium illumination 
source used. Height differences as small as 
2/20 ~ 0.027 #m can be resolved for smooth surfaces 
of high reflectivity. 

Samples were heat-treated in a tantalum strip heater 
in a bell-jar vacuum system. The tantalum foil was 
folded to provide a slot into which samples could be 
clamped in place. A hole in the foil adjacent to the 
sample allowed free evaporation to occur while the 
strip heater masked the rest of the sample. Tem- 
perature measurements were accomplished with a 
Pt/Pt-10% Rh thermocouple placed within an alumina 
thermocouple tube. The strip heater was wrapped 
around the thermocouple tube with the bead placed in 
the middle of the tube just below the position of the 
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sample. The bell-jar system was pumped with a vac- 
ion pump. The chamber was also equipped with a 
liquid nitrogen cryo-pump. 

The temperature was controlled manually by means 
of a variable transformer. A surface instability observed 
for boron-doped samples resulted in a rough surface 
on which interference fringes were too diffuse to be 
used for height measurements. Facets which occasion- 
ally occurred on undoped and doped samples also 
limited the usefulness of  the step-height technique. 
Evaporation of the boron-doped samples for extended 
time also resulted in boron-containing precipitates 
since boron has a much lower vapour pressure than 
silicon. Because weight loss measurements are insensi- 
tive to surface roughness, they were found to be more 
useful for investigating the effect of  boron on the 
vapour transport of silicon. 

2.4. G r a i n - b o u n d a r y  g r o o v i n g  e x p e r i m e n t s  
Preliminary grain-boundary width measurements 
were made on samples used for step-height measure- 
ments. The bell-jar vacuum system with tantalum strip 
heater has been described in Section 2.3. Groove 
widths were measured with either the interference 
microscope or in a scanning electron microscope. 

The Brew | vacuum furnace, described in the sec- 
tion on evaporation rate measurements, was used for 
most of the grain-boundary grooving experiments. 
Molybdenum was found to be an acceptable crucible 
material for use with silicon although there was some 
reaction at points of  contact. 

Grain-b0undary grooving experiments with boron- 
doped samples were complicated by evaporation of 
silicon in the vacuum which results in an increase in 
boron at the surface of  the sample. A molybdenum 
foil-lined alumina tube furnace operated with titanium- 
gettered flowing argon worked best. Boron was segre- 
gated to the surface in what appeared to be near- 
equilibrium thin films, in contrast to samples heat- 
treated under active oxidation conditions which 
resulted in boron-depleted surface regions or samples 
heat-treated under conditions where excessive silicon 
evaporation leaves the surface boron enriched to a 
depth of  several micrometres. 

A Zeiss two-beam interference microscope, as des- 
cribed in Section 2.3, was used to obtain the grain- 
boundary groove profile. Grain-boundary widths 
were also estimated from SEM photomicrographs. 
Surface topography in the SEM is enhanced by using 
back-scattered electrons and a small tilt angle. This 
technique was developed by Dynys [13] for small 
groove widths. Boundary widths from the interference 
microscope were measured on pictures taken at a 
maximum magnification of 252 •  Widths could be 
measured to ~ 0.1 mm accuracy with the aid of an • 8 
magnifier. Grain-boundary width measurements thus 
have an accuracy of  approximately 0.4/~m. Only those 
boundaries having symmetrical profiles were mea- 
sured. 

The grain-boundary-groove width was used to 
calculate the surface diffusivity. According to Mullins 
[14], if grain-boundary grooving occurs by a sur- 
face diffusion mechanism, the groove width is g iven-  
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by 

w = 4.6(Bt) 1/4 

where 
B - 6D~Tsv~ 

R T  

and t = elapsed time, 6D S = surface thickness dif- 
fusivity product, 7sv = solid-vapour interface energy, 

= molar volume, R = gas constant and T = 
absolute and temperate. 

The grain-boundary groove profile resulting from a 
lattice-diffusion mechanism is nearly the same as that 
resulting from surface diffusion. For the lattice- 
diffusion mechanism, the width between the peaks is 
given by [15] 

W = 5 (c t )  1/3 

where 

D/Tsv~ 
R T  

and Dt = lattice diffusivity. 
The grain-boundary groove profile for the 

evaporation-condensation mechanism has no maxima 
and so can be distinguished from the lattice and sur- 
face diffusion mechanisms. The depth d of  the grain- 
boundary groove caused by the evaporation-conden- 
sation mechanism is given by [14] 

d = 1 . 1 3 c t a n ( ~ ) ( A t )  '/2 

where 

c~P~ ~2 
A = 

(2 ~m) 1/2 (RT)  3/2 

and ~b is the dihedral angle, p0 the pure metal vapour 
pressure, ~ the Langmuir condensation coefficient and 
m the atomic weight of the vapour-phase species. 

Since the profiles for lattice and surface diffusion 
are similar, the growth rates are additive. If  surface 
diffusion is the predominant mechanism, corrections 
for a small lattice-diffusion contribution can be 
applied in calculating the surface diffusivity as fol- 
lows: 

6D~ 7~vf~t ~ - 0.372Dlw 

The lattice-diffusion correction term was insignificant 
for the range of boundary widths examined. 

The surface energy, 7sv was assumed to be 1 J m -2 
for the purpose of calculating surface diffusivities. The 
surface energy is expected to be reduced with increas- 
ing temperature and solute segregation and chemi- 
sorption on the surface. The molar volume of silicon, 
~,  was taken to be 12.06 x 10 -6 m 3 mo1-1. The gas 
constant R equals 8 .3144Jmol-~K -~. The surface 
layer thickness 6 is customarily taken as 6 = ~/s  = 
2.714 • 10 -1~ m if the surface diffusivity is reported 
separately from the 6D~ product. 

2.5. S in ter ing exper iments  
Model sintering experiments (sphere-sphere and 
sphere-plate) were conducted in the Brew vacuum 



Figure 1 (a) Interface instability on freely evaporating boron-doped (0.2wt %) silicon; (b) masked area of above sample. 

furnace. Surface diffusivities were calculated from 
neck sizes using equations derived by Nichols and 
Mullins [16]. For sphere-sphere necks 

6Ds = eTa 4 (~)6 
257svf~t 

where a = sphere radius and x = neck radius. For 
sphere-plate geometry 

1167s V f~t 

Grain-boundary grooves on the spheres or poly- 
crystalline plates also may grow by surface diffusion. 
Since necks and grooves grow under the same experi- 
mental conditions of time, temperature and surface 
chemistry, the measurement of both groove width and 
neck size can be a sensitive measure of the ratio of 
mass transport coefficients. The following relations 
between the neck size and boundary profile width 
apply to sphere-sphere neck growth with surface dif- 
fusion as the dominant mechanism for grain-boundary 
grooving: 

(a) If neck growth is dominated by surface diffusion 

(b) If neck growth is dominated by grain-boundary 
diffusion 

a 4 / W  4 = 0.429 6Ds 

where w D  b is the product of the grain boundary width 
and diffusivity. 

(c) If grain-boundary diffusion is much faster than 
surface diffusion such that neck growth is controlled 
by surface redistribution [6] (SRCGBD) 

a 4 / W  4 = 0.404 

3. Experimental results and discussion 
3.1. Evaporation rate 
Langmuir evaporation coefficients calculated from 
weight-loss measurements on one CVD pure silicon 

and five samples of polycrystalline boron-doped 
(0.2wt% B) silicon at 1300~ show no significant 
difference between the doped and undoped samples. 
The average evaporation coefficient ~ is 0.60. 

Langmuir evaporation coefficients were also cal- 
culated from step-height measurements between 1100 
and 1300~ Six single-crystal samples with (1 1 1) 
orientation and one boron-doped sample resulted in 
values of ~ falling into two groups; low values of 

0.25 which may result from the mask lifting off the 
sample and allowing the reference plane to evaporate; 
and high values of 0.64 which is in agreement with 
the weight-loss measurements. Both high and low 
values could be measured on different parts of the 
same sample. No systematic variations were noted 
with temperature. Boron-doped samples were par- 
ticularly hard to measure by this technique due to 
surface roughness which develops as a result of boron 
enrichment at the surface. 

The Langmuir evaporation coefficients measured in 
this study fall within the range reported for pure 
silicon. Trulson and Schissel [17] report a value of 0.80 
between 972 and 1060~ Batdorf and Smits [18] 
report a value of 0.55 at 1300 ~ C; Gulbransen e t  aI. [19] 
report a value of 0.82 between 1100 and t350~ a 
value of 0.67 is calculated from Robertson's [5] evap- 
oration rate at 1400~ and a value of 0.77 may be 
calculated from the evaporation rate reported by 
Nannichi [20]. 

3.2. Interface instability 
Some early observations with boron-doped samples 
(Fig. 1) showed that the surface developed an undu- 
lating appearance as it evaporated. Evaporation of a 
two-component system has complexities not found in a 
one-component system. A second component may be 
either enriched or depleted in the surface region due to 
differing evaporation kinetics. Rough surfaces usually 
smooth out to minimize surface energy; however, in this 
case an initially smooth surface has developed rough- 
ness. The observation is related to the evaporation 
process, since part of the sample masked with a silicon 
shim to prevent free evaporation shows no roughen- 
ing. The masked region is however pitted, especially at 
the grain boundaries and polishing scratches. 
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Boron can be expected to be enriched at the surface 
during evaporation since it has a much lower vapour 

(PB/Psi 10 -4 at 1400 ~ C). The pressure than silicon 0 0 = 
process is analogous to solidification where solute is 
rejected at the liquid-solid interface and diffuses back 
into the liquid to form a solute-rich layer. For the case 
of evaporation, the vapour phase is growing into the 
solid and the solute is forced to diffuse back into the 
solid. 

The surface roughness observed can be thought of 
as a surface instability analogous to that which arises 
from constitutional supercooling since the vapour 
pressure of the solvent, and hence the evaporation 
rate, is a function of both composition and curvature. 
If  the solvent (silicon) is Raoultian and the solute 
(boron) is Henrian, then the vapour pressure of the 
solvent, Psi, is given by 

Psi = P~ (1-CB) [I + ( ~T )K J 
where P ~  i is the vapour pressure of pure silicon, CB 
is the atom fraction of boron and K is the surface 
curvature. The solid-vapour interface breaks down 
because the valleys and hills compensate negative and 
positive curvatures with lower and higher boron con- 
centrations, respectively, such that the silicon vapour 
pressures and hence evaporation rates are equal. The 
implied boron concentration differences are consistent 
with the diffusion field that would result from the 
rough interface. 

By analogy with constitutional supercooling [21] 
the zeroth-order approximation for the cell size is 
given by the ratio of the solute diffusivity, Db, to the 
interface velocity, R. For the sample shown in Fig. 1, 
R ~ 6.13 x 10-8cmsec ~ (calculated with an evap- 
oration coefficient e = 0.62) and D b = 2.53 x 
10-" cm 2 sec -~ at 1300~ which results in a cell size 
of 4.1 #m. This is in very good agreement with the 
wavelength observed on the sample (~4#m) .  The 
wavelength of the interface instability is expected to be 
related to the boron boundary-layer thickness. If  the 
surface concentration is pinned at Cs, the solubility 
limit, then the steady-state solution for the diffusion 
profile is given by 

Cs - Co - exp - 

where Co is the bulk concentration and Z is the dis- 
tance from the solid-vapour interface. The time 
required to reach steady-state conditions can be esti- 
mated from a mass balance on the solute. The excess 
boron in the solute-enriched layer is set equal to the 
boron from the evaporated region which assumes neg- 
ligible vapour transport of boron. The time required 
to reach steady state is then given by 

, _  

The boron solubility limit at 1300~ as given by 
Armigliato et al. [22] is 0.39 wt %. The calculated time 
to reach steady-state conditions for the sample pic- 
tured in Fig. 1 is 0.83 h. Samples heat-treated for much 
longer times have boron-rich precipitates on the sur- 
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face as determined with the scanning Auger micro- 
probe. 

By analogy with constitutional supercooling [23], 
high surface energy and/or rapid surface diffusion 
would be expected to suppress the interface instability 
or increase its wavelength. The complexities of the 
problem preclude a quantitative assessment of these 
effects. The interface instability is of significance 
because it points to the linkage of chemical and cur- 
vature driving forces. The implication for sintering is 
that each component must be transported in its stoich- 
iometric ratio and that a minor component could be 
the rate-limiting species over shrinkage or coarsening 
paths. The good agreement between observed and 
calculated instability wavelengths indicates that the 
boron surface diffusivity is not large enough to be 
important, and this also is significant for sintering 
since it suggests that boron lattice diffusion may be the 
rate-limiting species over the coarsening path. 

To test the hypothesis that boron lattice diffusion is 
the rate-controlling path for coarsening by surface 
diffusion, a diffusion couple was prepared between 
pure and boron-doped silicon. The details of this 
experiment can be found elsewhere [6]. This experi- 
ment provides a chemical driving force for surface 
transport as contrasted with a sintering or grain- 
boundary grooving experiment where mass transport 
is driven by gradients in surface curvature. If the 
silicon surface diffusivity were high, undercutting 
should be observed on the pure side of the couple due 
to a surface Kirkendall effect. Since no undercutting 
was observed, the conclusion is that boron lattice dif- 
fusion is not rate-controlling coarsening by surface 
diffusion, and the most likely role of boron is to reduce 
the silicon surface diffusivity. 

3.3. Grain-boundary grooving experiments 
Surface diffusivities calculated from grain-boundary 
groove widths are plotted in Fig. 2. The bulk of the 
data plotted in Fig. 2 fall either within the scatter band 
reported by Robertson [5] for pure silicon of below his 
least-squares fit by approximately an order of mag- 
nitude. The majority of the experiments were also car- 
ried out under experimental conditions for which 
Auger measurements indicate little boron surface 
segregation. Loss of boron from the surface can occur 
by several mechanisms. The equilibrium Po2 at the 
silicon-silica phase boundary is approximately twelve 
orders of magnitude lower than the base pressure of 
the Brew vacuum furnace as noted in Fig. 3. The Po2 
within an oil diffusion-pumped vacuum system may 
be either reducing or oxidizing depending on the bal- 
ance between back-streaming from the diffusion pump 
and air leaks into the chamber, respectively. 

The reaction of silicon with SiO2 produces high 
vapour pressures of SiO (Fig. 3). At Po2 levels below 
the equilibrium Ps~o for this reaction, the oxygen 
impingement rate on the surface is balanced by the 
oxygen removal rate by SiO and active oxidative con- 
ditions prevail. Lander and Morrison's [24] LEED 
study of silicon indicates that this reaction determines 
the Po2 against temperature boundary between atom- 
ically clean and oxidized surfaces. It can be expected 
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Figure 2 Surface diffusivities calculated from grain-boundary 
groove widths: ( ) data of Robertson [5] for pure silicon; (o) 
0.2wt% B, (| pure silicon, (~x) silicon spheres, (t3) 2wt% B 
(molybdenum-lined A1203 tube, titanium-genered argon). 

that similar cleaning reactions are responsible for the 
removal of carbon and boron from silicon surfaces 
heat-treated in a vacuum. It should also be noted that 
the reaction of silicon with alumina will generate high 
vapour pressures of SiO and A120. 

Four  samples, for which surface diffusivities were 
not calculated, exhibited anomalous grain-boundary 
groove profiles with excess matter at the grain-boun- 
dary surface intersection (Fig. 4). Auger analysis of 
one of these samples, originally doped with 0.2wt % 
boron, had no detectable boron on external or frac- 
ture surfaces. The raised grain boundaries on this 
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Figure 3 Pressure-temperature equilibrium reactions: (a) 
Si + SiO 2 ~ 2SiO, (b) 2Si + A1203 ~ A120 + 2SiO, (c) silicon 
vapour pressure, (d) Si + 02 --* SiO 2. 

sample are evident in the two-beam interference 
micrograph and the low-angle back-scattered SEM 
micrograph shown in Fig. 4c. This sample was heat- 
treated under silicon powder which had been mixed 
with 0.2 wt % boron. The intention was to both pin 
the boron activity and prevent gross evaporation of 
the sample. However, oxygen associated with the sili- 
con powder had the unexpected effect of leaching 
boron from the samples. Raised boundaries were 
found on one sample heat-treated without the silicon 
powder for which the vacuum system must have been 
sufficiently oxidizing to leach boron from the sample. 

For  the sample on which Auger measurements were 
made the effective diffusion depth calculated from the 
lattice diffusivity of  boron in silicon is much too small 
to account for loss of  boron in the bulk of  the sample. 
The grain boundaries can act as a fast transport path, 
in which case the effective diffusion/distance is half the 
grain size. Since boron occupies 5 / substitution site in 
silicon and has a lattice diffusivity which is higher than 
silicon by a factor of  approximately 40, a Kirkendall 
effect results as discussed by Bardeen and Herring [25]. 
Vacancies are injected into the lattice as a result of  
unequal boron and silicon fluxes. The climb of  dis- 
locations within the lattice maintains the vacancy con- 
centration near its equilibrium value and gives rise to 
shrinkage of  the sample since lattice sites are reduced. 
Condensation of vacancies at the grain boundary can 
lead to the formation of Kirkendall pores which were 
observed on a lightly etched cross-section. A grain- 
boundary Kirkendall effect can be expected if the 
boron grain-boundary diffusivity is greater than that 
of  silicon. The degree to which grain-boundary 
grooves are raised above the surface depends upon 
both grain-boundary and lattice Kirkendall effects. 

A general trend in the surface diffusivity data plot- 
ted in Fig. 2 is lower surface diffusivities with increased 
boron surface segregation as measured by Auger spec- 
troscopy. For example, the lowest diffusivity plotted 
in Fig. 2 had an average boron concentration of  
3 at %, boron-rich areas with up to 8 at %, and depleted 
areas of  approximately 1.6 at %. It is also apparent 
from Auger measurements on boron-doped samples 
with high surface diffusivities that boron-thin surface 
films are easily leached from the surface under many 
experimental conditions. 

3.4.  S inter ing  exper iments  
The results of sintering experiments with pure silicon 
are listed in Table I. The low apparent diffusivities 
result from residual surface oxide layers, which results 
in an incubation time for surface smoothing as dis- 
cussed by Munir [9]. Fig. 5 illustrates this point; some 
spheres have smooth surfaces and have begun to form 
necks, while spheres just below them appear pitted 
and unchanged from their as-received conditions. The 
surface oxide layer has presumably not yet peeled off 
the pitted spheres. 

The surface diffusivities calculated from neck sizes 
were also low and in some cases much lower than those 
calculated from the grain-boundary groove widths on 
the same spheres. This apparent contradiction results 
from the effects of  free evaporation in the vacuum. 

2 7 5 9  



Ix
3 

O
 

T
A

B
L

E
 

I 
M

od
el

 s
in

te
ri

ng
 e

x
p

er
im

en
ts

 

R
u

n
 N

o.
 

T
re

at
m

en
t 

S
am

p
le

 
M

ea
su

re
m

en
ts

 
a 

(#
m

) 
X

 (
#

m
) 

,S
D

~(
m

 3
 se

c-
 t)

 
R

em
ar

k
s 

1 
2

h
/1

3
2

5
~

 
S

p
h

er
es

 o
n

 s
il

ic
on

 (
1 

1 
1)

 s
in

gl
e-

 
F

ro
m

 S
E

M
 

12
8 

5.
3 

1.
79

 
x 

10
 

21
 

cr
ys

ta
l 

pl
at

e 
(s

p
h

er
e-

p
la

te
 g

eo
m

et
ry

) 
77

 
7.

5 
3.

97
 

x 
10

 -2
0 

91
.5

 
4.

3 
9.

97
 

• 
10

 
22

 
w

 =
 

4.
3/

~
m

 
1.

12
 

x 
10

 
19

 

8
h

/1
3

2
5

~
 

S
ph

er
es

 o
n

 s
il

ic
on

 (
l 

1 
l)

 s
in

gl
e-

 
F

ro
m

 o
pt

ic
al

 
86

 
7.

80
 

4.
66

 
• 

10
 

20
 

Ps
ys

te
m 

= 
1

0
-6

t~
 

cr
ys

ta
l 

p
la

te
 (

sp
h

er
e-

sp
h

er
e 

sh
ad

o
w

 
86

 
7.

80
 

4.
66

 
x 

10
 

20
 

g
eo

m
et

ry
) 

g
ra

p
h

s 
ll

9
 

8.
80

 
5.

02
 

x 
l0

 -2
~

 
90

 
7.

40
 

3
.I

0
 

x 
I0

 
20

 

90
 

5.
85

 
7.

57
 

x 
l0

 -2
1 

F
ro

m
 S

E
M

 
w

 =
 

3
.6

4
#

m
 

3.
64

 
x 

10
 

20
 

m
ic

ro
g

ra
p

h
 

1.
14

 
x 

10
 

20
 

o
n

 a
 s

p
h

er
e 

3 
6 

h 
20

 m
in

/1
3

0
0

~
 

S
p

h
er

es
 i

n 
pi

le
 o

n
 b

o
ro

n
-d

o
p

ed
 

F
ro

m
 S

E
M

 
x 

=
 

10
 #

m
 

(2
.0

w
t%

) 
si

li
co

n 
pl

at
e 

a 
7

0
#

m
J 

3.
89

 
x 

10
 

~9
 

(s
p

h
er

e-
sp

h
er

e 
g

eo
m

et
ry

) 
w

 =
 

6
.0

#
m

 
1.

38
 

x 
10

 
19

 

F
ro

m
 S

E
M

 
x 

=
 

5
.8

5
~

m
~

 
a 

8
0

#
m

 
J 

1.
19

 
x 

10
 

z0
 

w
 =

 
5

.3
#

m
 

8.
4 

x 
10

 -2
~

 

L
o

w
 s

ur
fa

ce
 d

if
fu

si
vi

ti
es

 
ca

lc
ul

at
ed

 f
ro

m
 n

ec
k 

si
ze

 m
ay

 
be

 d
ue

 t
o 

ne
ga

ti
ve

 n
ec

k 
g

ro
w

th
 r

at
es

 
as

so
ci

at
ed

 w
it

h 
ev

ap
o

ra
ti

o
n

. 

(x
/a

) 
6a

4[
w

 4 
=

 
0.

18
 c

o
m

p
ar

ed
 

to
 0

.0
56

 i
f 

su
rf

ac
e 

di
ff

us
io

n;
 i

f 
g

ra
in

-b
o

u
n

d
ar

y
 d

if
fu

si
on

 
W

O
b/

O
D

 s 
=

 
0.

41
5.

 

(x
/a

)6
a4

/w
4 

=
 

0.
16

 c
o

m
p

ar
ed

 

to
 0

.0
56

 p
re

di
ct

ed
 f

or
 s

u
rf

ac
e 

di
ff

us
io

n.
 

(x
/a

)T
 a

4/
w

 4
 

- 
0.

02
3 

co
m

p
ar

ed
 

to
 0

.4
04

 p
re

di
ct

ed
 f

o
r 

S
R

C
G

B
D

. 

If
 g

ra
in

-b
o

u
n

d
ar

y
 d

if
fu

si
on

 i
s 

th
e 

d
o

m
in

an
t 

ne
ck

 g
ro

w
th

 
m

ec
h

an
is

m
s 

W
D

b/
g)

D
 s 

=
 

0.
36

7.
 

S
il

ic
on

 s
ph

er
es

 n
ea

r 
to

p
 o

f 
pi

le
; 

(x
/a

)6
a4

/w
 4

 -
 

0.
00

79
. 
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(b) I_ _1 
I- a -1 

P/ 

Figure 4 Raised grain-boundary grooves on sample: (a) two-beam 
interference micrograph; (b) groove profile schematic diagram 
(W = 7.14/lm, B = 35.7/~m, H -  2.43/1m); (c) back-scattered 
SEM image of surface. 

The relative saturation pressure of silicon determines 
the extent to which free evaporation occurs. 

From examining neck sizes and grain-boundary 
groove widths on the spheres, the following tentative 
conclusions can be drawn for pure silicon: 

1. Grain-boundary diffusion is not so fast that neck 
growth is rate-limited by surface redistribution. Since 
grain-boundary and surface diffusion mechanisms 
have the same particle size dependencies, this applies 
to all particle sizes. 

2. Neck sizes are consistent with what should be 
expected for surface diffusion, but from these experi- 
ments a small contribution from grain-boundary dif- 
fusion cannot be ruled out. 

3. The quantitative interpretation of silicon sintering 
experiments is clouded under free evaporation con- 
ditions by negative neck growth and, under condition 
where free evaporation is suppressed, by surface oxide 
films. 

4. Spheres placed on the boron-doped plate (Table 
I, Run No. 3) did not form necks to the plate. Pol- 
ishing scratches on the plate did not smooth signifi- 
cantly and apparent grain-boundary widths were less 
than 1/ira. This inhibition of  sintering may have been 
related to either boron or residual surface oxide. 

4. Init ial-stage s inter ing map for s i l icon 
The sintering map formalism introduced by Ashby 
[26] is ideally suited as a tool for displaying the corn- 

petition between mechanisms during sintering. Under- 
standing the competition between shrinkage and 
coarsening mechanisms, and the effect of additives on 
these competitions, is essential to understanding the 
sintering behaviour of  silicon. The data and concepts 
introduced in previous sections will be brought together 
here and their effects on the shape of the sintering map 
will be discussed. 

An isothermal initial-stage sintering map for silicon 
has been prepared (Fig. 6). A temperature of 1350~ 
was chosen for this map since the sintering experi- 
ments of  Greskovich and Rosolowski [1] and much of  

Figure 5 Silicon spheres near top of pile. (61h, 1300~ surface 
smoothing and neck growth inhibited on pitted spheres near bottom 
of pile). 
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the surface diffusion and evaporation rate measure- 
ments reported here apply to this temperature. 

Lines where two mechanisms contribute equally are 
determined by equating the neck growth rates. The 
neck growth rate expressions listed in Table II were 
obtained by differentiating the initial stage models 
derived elsewhere [27]. The data base used and cal- 
culated neck growth rates may be found in Table III. 

The effect of grain-boundary diffusion has not been 
included on the sintering map because data do not 
exist for it. The particle size dependency for the neck 
growth rate is the same for both grain-boundary and. 
surface diffusion mechanisms. The neck growth data 
on pure silicon spheres indicate neck sizes compatible 

T A B L E  II  Neck growth rate expression evaluated at 1350~ * 

attiee R Ta3 

= 5.59 • 10 -24 (m 3 sec -1) a a3 

( axe" )surl~ace 4' 17ODs]/sv~ (-~) -5 eta4 

2.38 x 10 26 (m4sec-i) a a4 

= 4.39 x 10 -18(m 2sec -1) a a2 

coarsening 
/X \ 3.33 / 

3.o2 1o 

* Data base listed in Table III. 
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with surface diffusion. It is possible that a small con- 
tribution from grain-boundary diffusion would be 
undetected in the sphere-sphere neck growth experi- 
ments and still contribute to shrinkage. This small 
contribution, if it existed, would be independent of 
particle size and microstructure evolution, and would 
be characterized by much coarsening accompanying 
shrinkage. 

The effect of boron on silicon grain-boundary dif- 
fusion is not known. One might expect boron to segre- 
gate to grain boundaries and lower the grain-boun- 
dary diffusivity for the same reasons that boron 
segregates to surfaces and lowers the surface diffus- 
ivity. If boron lowers the grain-boundary diffusivity 
by a smaller fraction than it lowers the surface dif- 
fusivity, then grain-boundary diffusion could domi- 
nate surface diffusion. 

Referring now to the sintering map (Fig. 6) and 
calculated neck growth rates (Table III), the following 
is observed. For pure silicon the dominant mechanism 
below line A is surface diffusion. Above line A, vapour 
phase transport by the evaporation-condensation 
mechanisms dominates. Nowhere does a shrinkage 
mechanism dominate. Line C delineates the compe- 
tition between evaporation-condensation and lattice 
diffusion and determines the second largest contribu- 
tion to neck growth where surface diffusion is domi- 
nant. In a like manner, line B delineates the compe- 
tition between surface diffusion and lattice diffusion 
and determines the second largest contribution to 
neck growth where evaporation-condensation is the 
dominant sintering mechanism. 

A reduction of approximately six orders of mag- 
nitude in the surface diffusivity is needed to allow 
lattice diffusion to dominate sintering of submicro- 
metre-sized powders. If we assume that boron is effec- 
tive in reducing the surface diffusivity of silicon by six 



T A B L E  I l l  Silicon neck g r o w t h  rates and  da t a  base for  1350~ 

Q~) a(m) ( ~)attice ( aXe"/sur face(pure) ( ~)vapour 
( s e c - ' )  ( s e c - ' )  ( s e c - ' )  coarsening (sec 1) 

0.01 I0 ~ 2.03 • 10 -I6 

10 -2 2.03 • 10 - I~  

10 4 2.03 • 10 4 

0.10 10 - t  3.37 x 10 17 

10 -3 3.37 • 10 -11 

10 5 3.37 • 10 5 

0.20 10 - I  2.45 • 10 -E8 
10 3 2.45 x 10 -12 

10 -5 2.45 x 10 -6 

10 .7 2.45 

2.38 x 10 -16 4.39 x 10 -14 

2.38 x 10 -8 4.39 x 10 - l~ 

2.38 4.39 • [0 -6 

2.38 • 10 ~7 4.39 • 10 -I4 

2.38 x 10 -9 4.39 x 10 - j~  

2.38 x 10 -I  4.39 x 10 -6 

7.44 x 10 -19 1.10 • 10 -I4 

7.44 x 10 -11 1.10 x 10 - I~  

7.44 x 10 -3 l.lO x 10 -6 

74.4 x 105 1.10 x 10 -2 

1.41 x 10 - H  

1.41 x 10 8 

1.41 x 10 .2 

6.53 x 10 -t5 

6.53 x 10 9 

6.53 x 10 3 

6.48 x 10 -j6 

6.48 • 10 - t~  

6.48 x 10 -4 

6.48 x 102 

Tsi = 1623 K 

D I = 1.49 • I 0 - 1 6 m  2 sec -1 (silicon self-diffusivity) [28] 

cSD., = 6.39 • 10- tSm3sec -I  (pure  silicon) [5] 

pO = 1.61 • 1 0 - 2 N m  -2112] 

= 12.04 • 1 0 - 6 m 3 m o l  -~ 

m = 2.81 • 1 0 - 2 k g m o l  -z 

Ysv = 1 J m  -g 

D B = 5.71 x 10-~Smgsec - l  (boron  diffusivity in silicon) [29J 

= 0.62 ( evapora t ion  coefficient) (this s tudy) 

R = 8 . 3 1 4 4 J m o l  - I  K - l  (gas cons tant )  

C B = 0.01 ( a to m fract ion of  bo ron  assumed  at 1350K)  

orders of magnitude, then lines B and A move to B' 
and A'. For particle/neck size combinations above B' 
and below C, lattice diffusion dominates and shrin- 
kage occurs. Above line C coarsening by the evapor- 
ation-condensation mechanism dominates. 

Additional inhibition of coarsening mechanisms 
may occur if boron becomes the rate-controlling species 
over the lattice path. Above line D, boron lattice 
diffusion controls the transport of silicon through the 
vapour phase. Below line E the boron lattice diffusion 
rate controls the transport of silicon by surface dif- 
fusion if the surface diffusivity of pure silicon is 
assumed. This line moves down one order of mag- 
nitude for each one order of magnitude in reduction of 
the surface diffusivity. 

Boron lattice diffusion rate control of neck growth 
will always be greater than that due to lattice diffusion 
of silicon, since the boron diffusivity is larger and the 
total flux is enhanced by a factor of one divided by the 
atom fraction of boron. Thus, the fact that boron may 
become the rate-controlling species over the coarsening 
path will not lead to densification if the only shrinkage 
path is lattice diffusion. Densification may, however, 
occur by grain-boundary diffusion. If the grain-boun- 
dary diffusivity is large enough, neck growth may 
become controlled by either boron lattice diffusion or 
surface redistribution control of boron with fast trans- 
port of silicon by grain-boundary diffusion. 

5. C o n c l u s i o n s  and  d i s c u s s i o n  
The particle size dependency for shrinkage of pure 
silicon compacts found by Greskovich and Rosolow- 
ski [1] and their interpretation of vapour transport as 
the dominant coarsening mechanism is inconsistent 
with the grain-boundary diffusivity measurements of 
Robertson [5] and this study, which indicates that 
surface transport should be the dominant coarsening 
mechanism at all particle sizes of interest. The incon- 
sistency is removed if we consider the role of oxygen 
in the sinterability of pure silicon. Thin oxide layers 
inhibit surface diffusion and allow competing densi- 
fication mechanisms (grain-boundary or lattice) to 

dominate the sintering of ultrafine silicon compacts. 
The slower shrinkage rate associated with larger par- 
ticle sizes allows oxygen to be leached from the com- 
pact as SiO. At intermediate particle sizes, oxygen is 
partially removed resulting in surface-dominated 
coarsening while the interior of the compact is domi- 
nated by shrinkage mechanisms. M611er and Welsch 
[8] observed porous surface regions on their sintered 
pellets. Oxygen is thus a sintering aid for silicon which 
acts to inhibit surface diffusion. Methods to conserve 
oxide surface layers, such as powder beds of silicon + 
SiO2 to generate equilibrium SiO vapour pressures, 
"should be used to densify silicon powder compacts 
with larger particle sizes than those reported in the 
literature. 

The Herring's scaling law argument of Greskovich 
and Rosolowski [1] is deceptive because the surface 
diffusivity is strongly affected by thin oxide layers and 
the stability of the oxide layers is sensitive to time at 
temperature, particle size, and the presence of other 
impurities such as iron. 

Boron is also an effective sintering aid for silicon 
because it inhibits the surface diffusivity. The leaching 
of boron from silicon compacts under active oxidation 
conditions can result in unusual raised grain-boun- 
daries. Free evaporation of boron-doped silicon 
resulted in an unexpected solid-vapour interface 
instability. The combination of these two effects com- 
plicated the experimental aspects of this study greatly. 
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